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 Abstract 
The concept of growing epitaxial Ge and SiGe crystals onto tall Si pillars may provide a 
means for solving the problems associated with lattice parameter and thermal expansion 
coefficient mismatch, i.e., dislocations, wafer bowing and cracks. For carefully tuned 
epitaxial growth conditions the lateral expansion of crystals stops once nearest neighbors 
get sufficiently close. We have carried out scanning nano-diffraction experiments at the 
ID01 beam-line of the European Synchrotron Radiation Facility (ESRF) in Grenoble on the 
resulting space-filling arrays of micron-sized crystals to assess their structural properties 
and crystal quality. Elastic relaxation of the thermal strain causes lattice bending close to 
the Si interface, while the dislocation network is responsible for minute tilts of the crystals 
as a whole. To exclude any interference from nearest neighbors, individual Ge crystals 
were isolated first by chemical etching followed by micro-manipulation inside a scanning 
electron microscope. This permitted us to scan an X-ray beam, focused to a spot a few 
hundreds of nm in size, along the height of a single crystal and to record three-dimensional 
reciprocal space maps at chosen heights. The resolution limited width of the scattered X-ray 
beams reveals that the epitaxial structures evolve into perfect single crystals sufficiently far 
away from the heavily dislocated interface. 
 Introduction 
The monolithic integration of photonics with Si electronics is one of the most intriguing 
examples in which silicon has to be combined with group III-V
1,2
 or other group IV
3,4
 
materials. Most of these are characterized by significantly different lattice parameters and 
thermal properties with respect to the Si substrate. These differences, and the way in which 
they induce defect formation when two mismatched semiconductor crystal lattices are 
epitaxially joined, have continued to form a topic of scientific interest and practical 
relevance ever since the pioneering work of Matthews and co-workers more than four 
decades ago
5
. Misfit dislocations (MDs) inevitably form at a film/substrate interface when 
the thickness of a mismatched layer exceeds a certain critical value, at which it becomes 
energetically favorable to release the misfit strain. However, they hardly affect an active 
region of a film, which is far above the interface region. Since dislocations have to end on 
defects, MD segments are, however, always connected to threading arms which necessarily 
extend to the surface unless they form closed loops. The more of these threading 
dislocations (TDs) pierce through the active region of a device, the more its properties 
deteriorate. It is therefore of utmost importance to keep the densities of TDs as low as 
possible. 
Many methods devised over the years have been more or less successful in reducing the 





intentional introduction of point defects followed by thermal annealing
9-11
, and limited-area 
growth. The latter has been accomplished either by substrate patterning
12-14
 or by selective 
area deposition (SAD) into dielectric windows present on a flat substrate
15-20
. In crystals 
with the zinc-blende and diamond structures the misfit strain is released mainly by 60º 
 dislocations for misfits below 2 %
2,6,21
. Their threading arms lie in {111} glide planes and 
can reach the sidewalls of structures on (001)-oriented substrates with high enough aspect 
ratios (height to width). Using SAD in this way has been called “epitaxial necking”18 or 
“aspect ratio trapping” (ART)19. While ART is very efficient in removing 60°-dislocations, 
it does not eliminate so-called “growth dislocations” which are oriented along the growth 
direction
22,23
, unless it is combined with surface faceting. The expulsion of TDs by surface 
faceting is a result of their tendency to bend into directions perpendicular to a facet
23,24,25
. 
While most scientific attention has been paid in the past to TDs caused by the lattice 
parameter mismatch, unequal thermal expansion coefficients of epitaxial layers and 
substrates may have equally dire consequences for certain device applications, since it may 
result in layer cracking
26
 and wafer bowing
27
.  Device processing may thus be impossible, 
or device yield may be very low. 
Recently, we have developed a method of growing almost arbitrarily thick Ge structures on 
Si(001) substrates without any TD reaching the top of the crystal, cracks or significant 
wafer bowing, despite a lattice parameter mismatch of 4.2% and a mismatch of thermal 
expansion coefficients of 130%
288
. The method is based on deep substrate patterning at a 
micron scale, combined with growth conditions carefully tuned in order to limit lateral 
growth. This results in a space-filling array of three-dimensional Ge crystals up to 50 µm in 
height. In this paper we shall focus on the detailed structural investigation of these 
microcrystals by X-ray nano-diffraction using synchrotron radiation and show how it 
compares with standard high-resolution measurements carried out with a laboratory source. 
We analyze how strain relaxation, crystal tilts and crystal perfection vary as a function of 
the distance from the heavily defective Ge/Si(001) interface. 
 Experimental details 
Four inch, (001)-oriented (within ±0.5°) Si substrates were patterned into Si pillars by 
conventional photolithography and deep reactive ion etching (DRIE). The pillars were 8-
16 μm high, had a base width of 2 μm, and were spaced either uniformly at separations 
between 1 and 4 μm or in blocks of 10 × 10, the blocks being separated by 2.5 µm wide 
trenches.  
Space-filling arrays of closely spaced, tall Ge crystals were grown by low-energy plasma-
enhanced chemical vapor deposition (LEPECVD)299 at a rate of ~4 nm/s and at substrate 
temperatures between 400°C and 600°C, using pure germane (GeH4) as a precursor gas. In 
order to isolate some Ge crystals for the nano-diffraction experiments, the samples were 
first etched in a 30 wt% H2O2 solution (90 sec at 70°C) to increase the gap between nearest 
neighbors. Subsequently, the crystals surrounding the one to be isolated were removed by 
micromanipulators inside a scanning electron microscope (SEM). Reference marks were 
written with a focused ion beam (FIB) in the vicinity of the isolated Ge crystals in order to 
enable their identification on the synchrotron diffractometer stage.   
Prior to the synchrotron nano-diffraction experiments, the crystalline quality and strain of 
the Ge crystals were investigated by conventional high-resolution X-ray diffraction (XRD), 
with Cu K1 radiation using a PANalytical X’Pert Pro-MRD diffractometer equipped with 
a 4-bounce Ge(220) crystal monochromator on the incident beam and an analyzer crystal 
and a Xe point detector on the diffracted beam. The X-ray beam diameter on the sample 
was ~1 mm. Therefore, depending on the lateral dimensions of the pattern, several thousand 
Ge crystals were simultaneously probed.  
 In order to map the strain status locally, we performed X-ray experiments at the ID01 
beamline of the European Synchrotron Radiation Facility (ESRF), using an 11.07 keV beam 
focused down to ~300500 nm by means of Fresnel zone plates (FZP). The structures 
were mounted within a Huber diffractometer equipped with a high-precision (x,y,z) piezo-
stage. This piezo-stage was used to scan the X-ray beam across the sample for a range of 
incidence angles ω on either side of the symmetric (004) and asymmetric (115) Bragg 
peaks.
30
  The use of a two-dimensional (2D) pixel detector permitted three-dimensional 
(3D) reciprocal space maps (RSMs) to be constructed for each (x,y) position of the X-ray 
beam. These 3D RSMs were built from rocking scans, i.e., by varying the incidence angle 
ω of the primary focused beam. 
 
Results 
(1) Laboratory diffractometer 
An example of RSMs recorded with the conventional laboratory diffractometer around the 
Si(004) and Si(224) reflections is shown in Fig. 1(a). The measurements were taken on 
arrays of 16 µm tall, closely spaced Ge crystals grown onto 2 µm wide Si pillars spaced 
either 2 µm apart and arranged in blocks of 10 × 10 separated by 2.5 µm wide trenches, or 
uniformly spaced 4 µm apart. An SEM image of the region between two blocks can be seen 
in Fig. 1(b). The Si pillars can better be seen in the SEM image of Fig. 1(c), showing a 
uniformly spaced array after etching in H2O2, as a result of which the spacing between the 
Ge crystals is even more enlarged. The Qz coordinate in Fig. 1(a) is taken along the [001] 
surface normal and the Qx coordinate along [110]. The (004) and (224) diffraction spots 
 expected for a Ge crystal strained to the Si lattice parameter are indicated by filled circles in 
the lower part of Fig. 1(c). In the absence of crystal tilt they appear at exactly the same Qx 
values as the corresponding Si reflections. The inclined dashed line through the Si(224) 
diffraction spot passes through the origin of reciprocal space. The (224) reflection of any 
cubic crystal with the same orientation as the Si substrate must necessarily appear on this 
line. As can be seen, this is clearly the case for the Ge(224) reflection. This, together with 
the fact that the maximum of the Ge(004) reflection appears at the same Qz value, proves 
that the 16 µm tall Ge crystals studied in the measurement of Fig. 1(a) are completely 
strain-free. Now it can be safely assumed that at the growth temperature the misfit strain of 
a 16 µm thick Ge-layer is fully relaxed. If a strain were present at room temperature at 
which the measurement was taken, it would necessarily have its origin in the different 
thermal expansion coefficients of Ge and Si. Since no such strain has been measured, it 
must have been released elastically during cooling the sample to room temperature. 
According to Fig. 1(a) the Ge(004) and Ge(224) diffraction spots are both elongated in the 
direction perpendicular to the scattering vector. In thin films such a broadening can be 
traced to the presence of dislocations, leading to mosaic spread
31
. Interestingly, in our case 
the diffraction spots are very narrow in the direction of the scattering vector, in fact as 
narrow as those of a defect-free Ge wafer
288
. For better visibility, we display an enlarged 
part of the RSM around the Ge(004) reflection in Fig. 2, together with that obtained from a 
planar region on the same wafer. As noted before, the main scattering intensity appears at 
the Qz value of fully relaxed and hence cubic Ge. The spot is, however, elongated along Qx, 
with a maximum I at Qx = 0 and two side maxima II farther out on the Qx axis. These side 
maxima can tentatively been attributed to the outermost row of Ge crystals in a 10 × 10 
 block which appear to be slightly asymmetric as seen in Fig 1(b)
28
. As will become clear 
from the synchrotron nano-diffraction experiments discussed below, the broadening of 
diffraction spots in the direction perpendicular to the scattering vector in Fig. 1 and Fig. 2 is 
indeed due to a random individual tilt of the Ge crystals rather than to mosaic spread caused 
by dislocations. 
Finally, there are intensity maxima III and IV from patterned and planar regions, 
respectively, which appear exactly at the same Qz for both. These must be attributed to the 
tensile strain of 0.14% which develops during cooling from the growth temperature of 
440°C to room temperature at which the XRD measurement is performed. In planar 
material the intensity of diffraction spot IV is evidently strong since it is the only 
component present. On the other hand, for the patterned part of the sample the 
corresponding peak III is weak, since it can only stem from strained material at the bottom 
of the Si trenches, and therefore is greatly attenuated. For the Ge(224) reflection this peak 
is not observed at all, because it is measured at a grazing incidence angle of  ~ 6.6 for 
which the attenuation is complete. 
 
(2)  Synchrotron nano-diffraction 
According to the laboratory diffraction experiments, the space filling Ge-crystals are 
relaxed but exhibit a mosaicity, the origin of which can only be unambiguously identified 
by synchrotron nano-diffraction experiments. A schematic view of the scattering 
experiment is shown in Fig. 3(a). In order to be consistent with the laboratory setup, the 
x-axis is taken along the [110] direction and defines the scattering plane together with the 
 z-axis pointing along the [001] surface normal. The question now arises as to how an 
individual Ge-crystal among the thousands present in the array can be traced by the 
nano-focused X-ray beam. Fig. 3 indicates that this becomes increasingly difficult the taller 
the Ge-crystals become. Top view SEM images of 1 and 3 µm high crystals grown on 
identical substrate patterns are shown in Fig. 3(b) and (c), respectively. They reflect the 
increasing width of the crystals due to the lateral expansion in the early stage of the 
growth
28
. The total scattered intensity collected while scanning an X-ray beam across the 
sample under the azimuth angle appropriate for the Ge(115) reflection can be seen in the 
insets of Fig. 3(b) and (c). Evidently, individual crystals of this small height can be 
localized by the X-ray beam, making it possible to analyze their properties without any 
interference from nearest neighbors. We have shown in a previous publication that the 
elastic relaxation of the thermal strain in such short crystals happens by concave bending of 
the lattice planes
322
. This elastic lattice distortion rapidly dies out in the first few microns 
above the Ge/Si interface. For the taller crystals of interest here the elastically distorted 
region no longer contributes significantly to the scattering intensity. We are, however, 
confronted with the problem that such crystals no longer give rise to individual intensity 
maxima, as is evident from Fig. 3(d) for a height of 8 µm. 
Fig. 4 demonstrates how single free-standing Ge-crystals were isolated by a combination of 
chemical etching and micromanipulation in order to permit measurements on individuals 
without any interference from nearest neighbors. 
Now that free-standing crystals are available, it becomes possible to measure their tilt away 
from the exact [001] orientation. The real space image of a tilted crystal is shown in Fig. 5 
along with the reciprocal space plane Qx,Qz in the vicinity of a (115) reflection. The tilt 
 angles χx and χy can be derived from the deviations of the maxima in the 3D RSMs 
measured near the top of the crystals from their exact nominal positions as follows. The 
way in which the position of the X-ray beam on a crystal can be identified is shown in Fig. 
6. Here, after having received a signal from a particular crystal at some chosen scattering 
vector, the total scattering intensity is measured along the height of the crystal by 
translating the sample in the [110] direction. The tilt is then calculated from the RSM 
measured at the position C close to the top of the crystal. The tilts of three representative 
crystals (1, 2 and 3) are summarized in the table shown in Fig. 5. The positions of the 
diffracted signals from these crystals are schematically illustrated in the RSM. Taking into 
account that in a laboratory measurement around 10
5
 crystals contribute to the diffracted 
intensity, all of which exhibit a slightly different tilt, the total diffracted signal is a 
superposition of very many peaks. This results in a broad peak around the Ge reflection 
resembling a mosaicity effect. It must be emphasized that individual Ge crystals do not 
exhibit any mosaicity at all, as will be shown below. 
Basically, the tilt of tall Ge-crystals can arise from two sources. The first contribution is 
present only in asymmetric crystals, which are formed when trenches of unequal width are 
present, such as those in Fig. 1(b). In this case the tilt is caused by an asymmetric relaxation 
of the thermal strain
28
. The second contribution, present also in symmetric crystals, can be 
attributed to the dislocation network causing local tilts which do not average out on a 
microscopic scale. Taken together, these tilts account for most of the elongation of the 
diffraction peaks in the direction perpendicular to the scattering vector in Fig. 1 and  
Fig. 2.  
 
 Now that we can attribute the main source of the broadening of RSMs measured by a 
laboratory diffractometer to crystal tilts, the question remains to what extent the diffraction 
peaks are broadened further by the dislocations we know to be present at and in the vicinity 
of the interface. This information is also contained in the 3D RSMs measured along the 
height of a Ge crystal in Fig. 6. The inset of this figure shows cross sections along the Qx 
direction of reciprocal space through the intensity maxima of the Ge(115) reflection 
recorded at point A very close to the interface, point B farther away, and at point C near the 
top of the crystal. Evidently, there is a dramatic reduction of the FWHM of these curves 
with increasing distance from the Ge/Si(001) interface which must be attributed to a 
diminishing contribution of dislocations as a function of height. The crystals hence become 
more and more perfect the farther away one moves from the heavily dislocated interface. 
In order to see how far this increase of Ge-crystal perfection can go, we now compare the 
cross-sections of 3D RSMs of the Ge(115) reflection with the corresponding Bragg peak of 
the Si substrate which is known to be a perfect, defect-free crystal. Fig. 7(a) shows a 
perspective view of the 3D RSM in the reciprocal space region of interest, along with its 
projections into the QxQy, QxQz and QyQz planes. Magnified portions of the QxQz 
projections are shown in Fig. 7(b) for the Si(115) reflection and in Fig. 7(c) for the Ge(115) 
reflection, together with cross-sections along Qx for both cases. Both the intense Si(115) 
and Ge(115) peaks are elongated due to the divergence of the X-ray beam. The larger, 
approximately round spot of lower intensity around the Ge(115) reflection stems from 
scattering by strained material in the trenches which was not completely removed by the 
hydrogen peroxide etching. The most striking result is obtained by comparing the 
cross-sections through the sharp Si(115) and Ge(115) peaks shown in Fig. 7(b) and (c). The 
 width of the peaks is close to the pixel resolution of the 2D detector, which is why only 
very few data points can be seen. Within the resolution of the diffractometer we can state, 
however, that the perfection of the Ge-crystal is indistinguishable from that of a defect-free 
Si wafer.  
 Summary 
We have carried out synchrotron X-ray nano-diffraction on individual species isolated from 
a space-filling array of tall Ge-crystals epitaxially grown onto deeply patterned Si 
substrates. Our results prove that far away from the heavily dislocated Ge/Si interface the 
Ge-crystals have evolved into perfect single crystals within the resolution offered by the 
measurement. The peak broadening measured with ordinary high-resolution laboratory 
diffractometers, indicating crystal imperfection in the form of substantial mosaic spread, is 
explained in terms of a statistical distribution of net crystal tilts. The system studied here 
may therefore be considered as a model for defect-free lattice mismatched heteroepitaxy on 
patterned substrates, offering a wide range of potential applications, such as radiation and 
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 Fig. 1: (a) RSMs recorded with the laboratory diffractometer in the vicinity of the Si(004) and Si(224) 
reflections on a space filling array of 16 µm tall Ge crystals on top of 2 µm wide Si pillars. The contour plots 
are represented on a logarithmic scale. SEM images of typical arrays of faceted Ge crystals are shown as 
grown and after etching in a H2O2 solution in (b) and (c), respectively. 
 
 
Fig. 2: Magnified region of the RSM of Fig. 1 around the Ge(004) reflection (left) and comparison with the 
corresponding RSM of a planar Ge layer of the same thickness (right). The Roman numerals describe 
different regions in real space indicated in Fig. 1. 
 
  
Fig. 3: (a) Scattering geometry used for the nano-diffraction experiments. The x-axis is taken along the [110] 
direction forming the intersection between the substrate and the scattering plane, the y-axis is perpendicular to 
the scattering plane, and the z-axis points along the [001] surface normal. (b)-(d) show top SEM views of 1, 3 
and 8 µm tall Ge-crystals, respectively, along with the total scattering intensity collected around the Ge(115) 




Fig. 4: Example of sample preparation for X-ray nano-diffraction experiments on isolated Ge-crystals. The 
sample is first etched in H2O2 (see also Fig. 1(c)), to increase the gaps between nearest neighbours. It is then 
transferred into an SEM equipped with micromanipulators, by means of which material can be removed, 




Fig. 5: Measurement of the tilt of tall Ge-crystals. The maxima of the RSMs of asymmetric reflections 
measured on top of the crystals are rotated by the tilt angles χx and χy relative to their nominal positions 
corresponding to perfect alignment along [001]. The tilt angles of three representative crystals are given in the 
table and indicated by spots in the RSM. Averaging over thousands of crystals with individual tilts results in 




Fig. 6: X-ray nano-diffraction from 16 µm tall, free-standing Ge-crystals. The total scattering intensity 
measured as the sample is translated along [110], allows the identification of vertical position from which the 
scattering originates. This information is then used to measure RSMs as a function of the distance from the 
Ge/Si[001] interface. Examples of Qx cross-sections through such RSMs, taken at positions A, B and C, are 





Fig. 7: (a) 3D RSMs in the vicinity of the Ge(115) and Si(115) reflections, together with their projections into 
the QxQy, QxQz and QyQz planes. (b) Magnified region of the QxQz projection around the Si(115) reflection 
along with its cross-section along Qx. (c) Magnified region of the QxQz projection around the Ge(115) 
reflection along with its cross-section along Qx. The elongation of the spots in (b) and (c) is due to the 
divergence of the focused X-ray beam. 
 
 
 
